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Abstract An AlN buffer layer and a thick-GaN layer for
high-electron-mobility transistors (HEMTs) were grown on
sapphire substrate by metal–organic chemical vapor
deposition (MOCVD). The structural and morphological
properties of the layers were investigated by high resolution X-ray diffraction (HRXRD) and atomic force
microscopy (AFM) techniques. The optical quality of the
thick-GaN layer was also evaluated in detail by a photoluminescence (PL) measurement. It was found that the AlN
buffer layer possesses high crystal quality and an atomically flat surface with a root-mean-square (rms) roughness
of 0.16 nm. The screw- and edge-type dislocation densities
of the thick-GaN layer were determined as 5.4 9 107 and
5.0 9 109 cm-2 by means of the mosaic crystal model,
respectively. It was observed that the GaN layer has a
smooth surface with an rms of 0.84 nm. Furthermore, the
dark spot density of the GaN surface was estimated as
6.5 9 108 cm-2 over a scan area of 4 lm2.

Introduction
GaN-based high-electron-mobility transistors (HEMTs)
have great potential for high power, high temperature, and

S. Çörekçi (&)
Physics Department, Kırklareli University, 39160 Kirklareli,
Turkey
e-mail: scorekci@kirklareli.edu.tr
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high frequency applications [1, 2]. The thick-GaN layers
(*2000 nm) in HEMTs are generally grown on sapphire
substrates due to their lower cost, higher temperature stability, and mature growth technology [2]. Since GaN and
sapphire materials have different lattice parameters and
thermal expansion coefficients, the large lattice mismatch
and thermal mismatch between these materials lead to high
dislocation densities of 107–1011 cm-2 in a GaN epilayer
grown on sapphire substrate [3–6]. Dislocations in the GaN
layers are deleterious to device performance due to electron
scattering and current leakage paths [5, 6]. Thus, the
preparation of good quality thick-GaN layers is quite
important for HEMTs. One approach to avoid a large lattice mismatch between GaN and sapphire materials, is to
grow a thin low-temperature (LT) GaN layer or AlN
nucleation layer prior to the growth of the thick-GaN layer
[7, 8]. In addition, it has already been reported that the
crystalline quality of GaN epilayers that are grown on high
temperature AlN buffer layers was considerably improved
[9, 10]. Although there are several reports about the effects
of an AlN buffer layer on GaN epilayers, there is still a lack
of detailed research on a thick-GaN layer achieved by
using an AlN buffer layer.
We have previously reported the growth of high quality
AlGaN/GaN heterostructures with a high-temperature AlN
buffer layer on sapphire substrates by metal–organic
chemical vapor deposition (MOCVD) for HEMTs [11]. In
this study, we investigated the structural quality and surface morphology of an AlN buffer layer and a thick-GaN
layer by high resolution X-ray diffraction (HRXRD) and
atomic force microscopy (AFM). We calculated the
threading dislocation (TD) densities of the GaN layer by
means of the mosaic crystal model. We also evaluated the
room temperature photoluminescence (PL) spectra of the
GaN layer.
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Experiments
The samples that were used in the present study were
grown on c-plane sapphire substrates by low-pressure
MOCVD. Hydrogen (H2) was used as the carrier gas, and
trimethylgallium (TMGa), trimethylaluminum (TMAl),
and ammonia (NH3) were used as the Ga, Al, and N
sources, respectively. Prior to epitaxial growth, sapphire
substrates were annealed at 1100 °C for 10 min in order to
remove surface contamination. As shown in Fig. 1, an AlN
buffer/sapphire template and a thick-GaN layer grown on
an AlN buffer/sapphire template were labeled as samples A
and B. For sample A, a 15-nm-thick AlN nucleation layer
was deposited at 840 °C. Subsequently, the reactor temperature was ramped to 1150 °C and a 500-nm-thick AlN
buffer layer was grown. The 500-nm-thick AlN buffer
layer was grown at a reactor pressure of 25 mbar, a growth
temperature of 1150 °C, and a growth rate of 0.5 lm/h. For
sample B, first a 15-nm-thick AlN nucleation layer was
deposited at 840 °C. Subsequently, the reactor temperature
was ramped to 1150 °C and a 500-nm-thick AlN buffer
layer was grown, followed by a 2-min growth interruption
in order to reach growth conditions for GaN. Afterwards,
the 2000-nm-thick GaN layer was grown at a reactor
pressure of 200 mbar, a growth temperature of 1070 °C,
and a growth rate of 2.0 lm/h.
The structural quality, surface morphology, and optical
properties of the samples were characterized by HRXRD,
AFM, and PL measurements. HRXRD measurements were
performed by a Bruker D8-Discover high resolution diffractometer (0.0044° for the Si calibration sample) by using
Cu Ka1 (0.154 nm) radiation, a prodded mirror, and a
4-bounce Ge(220) symmetric monochromator. For asymmetric reflections, the system has four circles consist of
omega, 2 9 theta, chi, and phi axes. AFM images of the
samples were recorded using an Omicron VT STM/AFM
system. The root-mean-square (rms) roughness values of
the samples were processed from the surface topography

(a)

using Scala Pro software. Optical measurements were
performed at room temperature using a Horiba Jobin–Yvon
Fluorolog3 conventional photoluminescence system with a
325 nm line of a 50 mW He–Cd laser as an excitation
source.

Results and discussion
XRD symmetric (002) and asymmetric (102) scans are
reliable techniques for characterizing the structural quality
of the nitride layers [2]. Figure 2 shows the (002) x  2h
scans of samples A and B, in which the results confirm the
nominal structures illustrated in Fig. 1 except for sapphire
substrates. The peak in sample A is a Bragg reflection from
the (002) plane of the AlN layer. The two main peaks in
sample B are Bragg reflections from the (002) planes of the
GaN and AlN layers, respectively. As can be seen in Fig. 2,
the AlN peak of sample B is significantly broader than that
of sample A and the peak positions for both samples are
different. These results are related to the strain state,
defective structure, and imperfect stoichiometry of the AlN
layers. More detailed information on the structural quality
of the samples was obtained by (002) and (102) X-ray
x-scans. From the x-scans of the AlN layers (not shown
here), the full-width at half-maximums (FWHMs) of the
(002) and (102) reflections were determined as 0.012°,
0.247° for sample A, and 0.044°, 0.347° for sample B as
listed in Table 1. The (102) FWHM value for both of the
samples was notably higher than that of the (002) FWHM.
These results are in good agreement with the previously
reported results about high quality AlN layers [8, 12–14].
For example, Ha et al. [13] investigated a 1000-nm-thick
AlN epilayer grown on sapphire substrate by MOCVD and

(b)

Fig. 1 Schematic structures of the samples a A and b B

Fig. 2 High-resolution Bragg reflections near the (002) reflection of
the samples

123

1608

J Mater Sci (2011) 46:1606–1612

Table 1 The structural parameters of the samples
Sample

Layers FWHM (°)

Lattice
Strain
parameters (Å)

(002) (102) a

c

ea

ec

Sample A AlN

0.012 0.247 3.6448 4.9917

0.1714

Sample B AlN

0.044 0.347 3.1494 4.8768

0.0122 -0.0206

GaN

0.0025

0.043 0.207 3.1885 5.1779 -0.0004 -0.0015

found that the AlN epilayer has FWHMs of 0.020°, 0.288°
for the (002) and (102) reflections, respectively. Similarly,
Katagiri et al. [14] reported that the (002) and (102)
FWHM values of an AlN layer on flat AlN/sapphire template are 0.109°, 0.259°.
The broadening of the x-scans is mainly related to the
mosaicity, grain size, and microstrain [15, 16]. The mosaicity is a measure of the grain misorientation and is
associated with the TDs in the epitaxial films [15]. As is
well known, the TDs are of three types in a GaN epilayer:
screw (c-type) with Burgers vector b ¼ h0001i, edge
(a-type) with Burgers vector b ¼ 1=3h11
20i, and mixed
(c ? a-type) with Burgers vector b ¼ 1=3h11
23i. The
screw TDs distorts all the {hkil} planes with l non-zero,
while edge TDs only distorts the {hkil} planes with h or
k non-zero [17]. For this reason, the screw or mixed TDs
make a contribution to the broadening of the (002) x-scan,
while all the TDs contribute to the broadening of the (102)
x-scan [8]. Within this framework, the dramatic broadening of the (102) x-scans compared to the (002) x-scans
shows that the AlN layers in the samples have a large edge
TD density. On the other hand, the crystal quality of the
AlN in sample B is lower than that of sample A in spite of
having the same growth conditions of the AlN layers for
both of the samples. The control of the growth temperature,
which might change the flow rates during growth, is rather
critical. The high growth temperature (1150 °C) of the AlN
buffer layer probably leads to rough surfaces. Therefore,
Fig. 3 The (002) and (102)
x-scans of a thick-GaN layer
and the corresponding
Pseudo-Voigt fits
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the low crystalline quality of the AlN in sample B may be
attributed to the defective microstructure of GaN/AlN
interface. In addition, the large thermal strain between AlN
and GaN layers becomes important by exhibiting a compressive behavior in -0.0010 value calculated by e ¼
ðaAlN  aGaN ÞDT, where here aAlN , aGaN are the thermal
expansion constants 5.59 9 10-6, 6.90 9 10-6 [18–20]
and DT is the temperature difference derived from the postgrowth cooling from the growth temperature to room
temperature for the layers. This value shows that there is a
little plastic deformation during cooling.
Figure 3 shows the X-ray x-scans that were obtained
from the (002) and (102) planes of the thick-GaN layer that
was grown using an AlN buffer (sample B). The x-scans
were fitted into a curve determined by a Pseudo-Voigt
function. From the fitted curves, the FWHM values of the
(002) and (102) reflections were obtained as 0.043° and
0.207°. Generally, the typical (002) and (102) FWHMs of
GaN are around 0.069°–0.083° and 0.083°–0.097° [8, 21].
The (002) FWHM value of the GaN is better than that of
typical GaN, while the (102) FWHM value is higher. At the
same time, (102) FWHM of the GaN is lower than that of
(102) of the AlN. This result shows that the edge-type
dislocation density of the GaN is lower than that of AlN.
GaN epitaxial layers with high dislocation density are
often described by the mosaic model [22]. As seen in
Fig. 4, a mosaic layer consists of single crystalline blocks
with lateral and vertical coherence lengths. The out-ofplane rotation of these blocks, which are perpendicular to
the surface normal, is a tilt, and the in-plane rotation
around the surface normal is a twist [22]. In a mosaic GaN
epilayer, XRD peaks are broadened by several different
features such as tilt, twist, limited crystallite size, and
microstrain [16]. To evaluate the mosaicity of the thickGaN layer, symmetric x-scans and azimuthal /-scans
were performed. The FWHM values of the ð00‘Þ ð‘ ¼
2; 4, and 6) reflections were determined by fitting the
x-scan curves to the Pseudo-Voigt function and they were
used for the Williamson–Hall (WH) plot, which gives a
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the density of edge TDs can be obtained using the
following equation:
qe ¼

Fig. 4 Illustration of a mosaic layer

measure of the tilt [16]. Figure 5a shows the variation
of FWHM  sinðhÞ=k versus sinðhÞ=k as a function of
reflection order, where h is the Bragg reflection angle, k is
the wavelength of the Cu Ka1. The tilt angle of the GaN
layer is obtained as 0.046° from the slope of the linear
dependence in Fig. 5a. Figure 5b shows the FWHMs of the
x- and /-scans as a function of the v angle for GaN. As
seen in Fig. 5b, the FWHMs of x-scans in turn increase,
while the FWHMs of the /-scans decrease with the
increment in v angle. Moreover, they become closer when
the (121) reflection yields at 78.6 in the v angle. The
FWHM value of the x- and /-scans in the v ¼ 78:6 gives a
measure of the mean twist [23]. The twist angle for the
GaN layer is obtained as 0.274°.
The screw and edge TD densities in GaN films are
related with mosaic tilt and twist values, respectively [24].
To determine dislocation densities in thick-GaN layer, we
used a technique proposed by Metzger et al. [25]. The
density of screw TDs can be obtained using the following
equation:
qs ¼

a2X
4:35b2c

where aX is the tilt angle of the GaN layer, and bc is the
Burger’s vector for screw dislocations [25, 26]. Similarly,

(a)

Fig. 5 The mosaic structure of a thick-GaN layer in sample B:
a Williamson–Hall plot for the (00l) x-scans, where ‘ ¼ 2; 4, and 6.
b The variation of the FWHMs for x- and /-scans as a function of the

a2/
4:35b2E

where a/ is the twist angle of the GaN layer, and bE is the
Burger’s vector for edge dislocations [25, 26]. The screw
and edge TD densities of the GaN layer were obtained as
5.4 9 107 and 5.0 9 109 cm-2. The screw-type dislocation density of the GaN layer is approximately two-orders
of magnitude lower than the edge-type one. These results
are consistent with earlier reports [13, 14]. The TDs in GaN
epilayers affect the device performance due to electron
scattering and current leakage paths. For instance, the
dislocations can become the dominant scattering centers
when the TD densities are in excess of 109 cm-2 for n-type
GaN [27].
Besides for a high density of TDs, the surface/interface
roughness and cracking of the layers can severely degrade
two-dimensional electron gas (2DEG) properties of GaNbased HEMTs [28]. In our previous study on surface
morphology of Al0.3Ga0.7N/Al2O3-HEMT structure [29],
we have only reported the surface properties of AlN and
GaN buffer films, which are labeled as AlN buffer layer
and thick-GaN layer in the present study. We have found
that an AlN buffer layer have a significant impact on the
surface properties of HEMT structure. Therefore, the surface characterization of the samples has been performed at
the nanometric level in detail by AFM scans of 25 and
4 lm2. Figure 6 shows AFM images with a 4 lm2 scan
area of as-grown samples. Compared to the parallel stepterraces on the AlN surface, the GaN surface exhibited
randomly oriented step-terraces. In addition, most of the
terraces on the GaN surface were pinned at dark spots in
the AFM image. Step-flow morphology, which implies a

(b)

v angle. The FWHMs of x-scans increase with the increment of the
v angle, while the FWHMs of the /-scans decrease with the
increment of the v angle
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(a)

(b)

Fig. 6 AFM images with a 4 lm2 scan area of samples a A and b B.
The surface rms values of samples A and B for these scans are 0.09
and 0.25 nm, respectively. For sample B, the density of the dark spots
on the GaN surface is 6.5 9 108 cm-2

smooth surface, is important for high HEMT performance
[30, 31]. The surface rms roughnesses of samples A and B
were already measured as 0.09 and 0.25 nm over a scan
area of 4 lm2 in Fig. 6. Since the small probed area is
more flat than the large one, the rms value obtained from
the 4 lm2 AFM scan is not an accurate representation of
the sample. Hence, we measured the surface roughness
from five different images, each with a 25 lm2 scan area.
The average rms values of AlN and GaN surfaces were
obtained as 0.16 and 0.84 nm, respectively. In addition, the
roughness is also closely related to the lateral terrace sizes
(or terrace widths) [11, 32], which are in the range of
100–200 nm for both of the samples. The measured terrace
widths of the samples appear to be significant, since the
nitride films with a terrace width larger than 100 nm
exhibit smoother surfaces [32]. In this case, it can be
clearly seen that the rms values and terrace widths of the
samples are appropriate for smooth surfaces. Moreover, an
AlN buffer layer (sample A) has an atomically flat surface.
The surface quality of a layer in the heterostructure is
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affected from underlying layers [33]. In this case, rough
surface of sample B with respect to sample A implies a
defective GaN/AlN interface. Also, the surface roughness
of the buffer layer affects the structural quality of a GaN
epilayer. This may explain the reason of the relatively low
(102) FWHM of thick-GaN layer compared to that of
typically GaN.
The dark spots at the step terminations on the GaN
surface are closely related to screw-type dislocations [34].
The dark spot density of sample B was estimated as
6.5 9 108 cm-2 by the number of dark spots from the
AFM scan of 4 lm2 in Fig. 6. This result is in agreement
with our previous report [11] on good quality AlGaN/GaN
heterostructures grown on AlN buffer/sapphire templates
by MOCVD. Also, this value is approximately one order of
magnitude higher than the screw TD density calculated as
5.4 9 107 cm-2 by XRD. This result can be related to the
distribution of the dark spots on the surface of the GaN
layer. The black regions consisting of a few dark spots, as
shown in Fig. 6 are evidence of non-uniform distribution.
Additionally, since the density of the dark spots is determined by counting from over a small probed surface area,
the screw TD density estimated by AFM may be relatively
low or high versus what is obtained by XRD and is not an
accurate representation of the sample. However, it should
not be excluded that the (002) x-scans are not only
broadened by mosaic tilt. On the contrary of the GaN in
sample B, nearly no pinned terraces can be observed for
AlN in sample A. This result shows that an AlN buffer
layer has a very low density of screw-type dislocation,
which is consistent with the XRD results in this study as
well as the previously reported experimental results [8, 13].
The GaN epilayer on the c-plane sapphire substrate
exhibits in-plane isotropic elastic properties, and its inplane deformation state can be described by one strain
component [35]. The in-plane (a) and out-of-plane
(c) lattice parameters of the AlN and GaN layers in the
samples were calculated using Bragg law and hexagonal
crystallographic formula. The strain-free (relaxed) a- and
c-lattice parameters were taken as 3.1114, 4.9792 Å for
AlN, and 3.1897, 5.1855 Å for GaN. The obtained lattice
parameters for the layers are shown in Table 1. As they are
compared with the relaxed ones, it is clearly seen that
samples A and B have the strained layers. The most likely
reason for the large variations of the lattice parameters is
the point defects that were revealed at the moment of
coalescence of the nuclei such as oxygen incoming from
the substrate and native defects. As is well known, the
density of AlN nuclei is related to growth temperature of
LT-AlN buffer layer, layer thickness, and annealing time
and affects the TD density of overgrown layers. From the
lattice parameters, the in-plane (ea) and out-of-plane (ec)
strain values in perpendicular and parallel to the growth
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direction (in the a- and c-axes) of the layers were calculated and given in Table 1. The in-plane strains for the AlN
layers are tensile, but the out-of-plane strains are different
types. The ec strain for the AlN layer in sample A is tensile,
whereas the strain in sample B is compressive type. In
addition, the ec strain value of the AlN layer in sample A in
comparison to sample B is lower, and the ea value is higher.
The compressively strained AlN layer in sample B is
probably due to the large thermal mismatch between the
GaN and AlN layers.
On the other hand, the point defects in GaN films cause
a crystal lattice expansion or compression because of the
large difference in the covalent radii of the Ga and N atoms
(rGa = 1.26 Å, rN = 0.70 Å). Harutyunyan et al. [35]
reported that the NGa substitutional-type point defects and
VN and VGa vacancies in GaN lead to a crystal lattice
compression. As can be seen from Table 1, a thick-GaN
layer in sample B exhibited compressive behavior. In this
context, we suppose that the NGa, VN, and VGa-type point
defects in thick-GaN layer are dominant with respect to
other types of point defects. Furthermore, strain character
of the layer can be affected from the mismatched-substrate,
post-growth cooling or impurities such as carbon, silicon
magnesium, and oxygen incoming from the sources, doping materials or sapphire substrate. A detailed analysis on
the point defects will be given in the PL part of the paper.
Figure 7 shows the room-temperature PL spectra of
sample B. The spectrum includes three main transitions: a
strong and sharp nearly band edge transition (BE) centered
at 372 nm, broad Gaussian-shaped blue luminescence (BL)
band centered at 445 nm, and another broad Gaussianshaped yellow luminescence (YL) band centered at
550 nm. The impurities, generally due to unintentional
doping and the native defects such as vacancies due to
nonstoichiometric growth or intentional doping give rise to
the main transitions. The dominant mechanism for the BE
transition is the formation of a shallow donor due to
nitrogen vacancy (VN) [36] and oxygen on the N sites (ON)
[37] bound exciton (DBE) [38]. In general, the BL and YL
bands are found in unintentionally doped material [39]. A
large number of studies have been reported in the literature
on the origin of YL and BL bands. The impurities and
native defects are not yet well established, but the most
probable impurity type is the Si on Ga sites (SiGa) [40] and
the most probable native defects are the gallium vacancy
(VGa) for the n-type GaN and the nitrogen vacancy (VN) for
the p-type GaN [41]. The broad BL band is a characteristic
of MOCVD grown undoped or unintentionally doped GaN
layers [42], and is attributed to the transition from the
conduction band to the deep acceptor (e-A) levels. The
most probable candidates of this transition are intrinsic
defects such as dislocations and low angle grain boundaries, metastable defects such as the Zn and Mg acceptor
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Fig. 7 Room-temperature photoluminescence spectra of sample B,
which was grown using an AlN buffer

levels due to the system contamination (MO source
impurities) and carbon and oxygen on the Ga sites (CGa and
OGa) [42–44]. Another broad YL band is attributed to the
transition of electron from the conduction band to the deep
acceptor, from the shallow or deep donor to the deep or
shallow acceptor, from the deep donor to the valance band,
crystalline defects, and the residual impurities due to the
system contamination [45–50]. Despite the main formation, the mechanism of YL is still unclear. However, the
dominant mechanism is the negatively charged Ga
vacancy, that is, deep acceptor (CN) assisted gallium
vacancy (VGaCN) [40, 51, 52]. Strong near-band-edge
emission correlates with high quality film and weak BL and
YL bands correlate with metastable defects due to the
system contamination and native defects due to the growth
conditions, respectively. On the other hand, the stronger PL
intensity can be attributed to the larger grain size, and
larger grain size can be attributed to the smaller mosaic
twist [53, 54]. Within this framework, the strong nearband-edge emission and weak BL and YL bands that can
be clearly seen from Fig. 7 are an evidence of a large grain
size and small mosaic twist, that is, the high crystalline
quality of the GaN layer in sample B. The PL results are
also in good agreement with the HRXRD and AFM results.

Conclusion
We investigated the structural and morphological properties of an AlN buffer layer and a thick-GaN layer grown on
sapphire substrate by MOCVD. We also evaluated the
optical quality of the GaN layer by using a room-temperature PL measurement. The HRXRD and PL results
show that the AlN buffer and thick-GaN layers have a
high crystalline quality. Furthermore, the densities of the
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screw- and edge-type dislocation for the thick-GaN layer
were calculated as 5.4 9 107 and 5.0 9 109 cm-2 via the
mosaic model. The AFM results show that the AlN buffer
and the thick-GaN layers were grown as step-flow and they
exhibited smooth surfaces. In addition, the dark spot density of the GaN surface was estimated as 6.5 9 108 cm-2
for the 4 lm2 scan area.
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